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ABSTRACT: Determining the atomic structure and the influence of defects on properties
of low symmetry oxides have long been an engineering pursuit. Here, we focus on five
thermodynamically reversible monoclinic and orthorhombic polymorphs of dicalcium
silicates (Ca2SiO3)a key cement constituentas a model system and use atomistic
simulations to unravel the interplay between the screw dislocation core energies, nonplanar
core structures, and Peierls stresses along different crystallographic planes. Among different
polymorphs, we found that the α polymorphs (α-C2S) has the largest Peierls stress,
corresponding to the most brittle polymorph, which make it attractive for grinding
processes. Interestingly, our analyses indicate that this polymorphs has the lowest
dislocation core energy, making it ideal for reactivity and crystal growth. Generally, we
identified the following order in terms of grinding efficiency based on screw dislocation
analysis, α-C2S > αH-C2S > αL-C2S > β-C2S > γ-C2S, and the following order in term of
reactivity, α -C2S > αL-C2S > γ-C2S > αH-C2S > β-C2S. This information, combined with
other deformation-based mechanisms, such as twinning and edge dislocation, can provide
crucial insights and guiding hypotheses for experimentalists to tune the cement grinding mechanisms and reactivity processes for
an overall optimum solution with regard to both energy consumption and performance. Our findings significantly broaden the
spectrum of strategies for leveraging both crystallographic directions and crystal symmetry to concurrently modulate mechanics
and crystal growth processes within an identical chemical composition.

KEYWORDS: dicalcium silicates (Ca2SiO3), atomistic simulation, screw dislocation, crystal defects, dislocation-mediated property,
Peierls stress

■ INTRODUCTION

Microscale defects such as stacking faults and dislocations,
which form and propagate in crystals, significantly influence
many chemical and physical properties of materials. For
instance, crystal growth is generally controlled by a screw
dislocation terminated at the surface.1 Similarly, material
plasticity and crack propagation are substantially influenced
by dislocation core structure, dislocation-dislocation interac-
tions, and dislocation motilities.2 While dislocations have been
widely observed and studied in metals3−6 semiconductors7−11

and some simple ceramics,12−19 there have been few attempts
in characterizing such defects in more complex compounds
such as zeolites, forsterite (Mg2SiO4) and dicalcium silicates
(Ca2SiO3).

20 The difficulty arises due to the heterogeneous
nature, the complicated formatting components, and the
packing arrangements of several atomic species, which often
lead to low symmetry crystals.
There exist several experimental techniques such as surface

and decoration methods, field ion microscopy, X-ray diffraction,
high-resolution transmission electron microscopy (HRTEM),
and Z-contrast imaging techniques to study dislocations.2,21−23

Although these techniques serve as key tools to observe and
infer information about the dislocation structure, distribution
and arrangement, they cannot provide accurate information on

dislocation energetics and mobilities, which often govern the
dislocations slip, slip-planes, and other dislocation-mediated
phenomena such as macro scale ductility and crystal growth.
From a modeling perspective, semicontinuum Peierls−Nabarro
models24,25 are extensively used to study dislocations by
introducing the energies of generalized stacking faults from
density functional theory to continuum model of the
dislocations, yet the significant constraint of planar dislocations
limits their applicability.26 Alternative methods involve explicit
calculation of the dislocation core structure using atomic scale
simulations. In this category, fully periodic dipole approaches
can be used to simulate an infinite array of dislocations (e.g.,
line defects in silicon,8,9 extended defects in diamond cubic
crystals,27 and impurities at edge dislocations7); however, the
correction for interactions between dislocation core fields28,29

and contributions from core traction in the dislocation
formation energy30 make this method less straightforward for
complex crystals. Recent development of the cluster embedded
models31,32 based on one-dimensional periodic boundary
conditions opens the opportunity to systematically investigate
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an isolated dislocation with atomic-scale fidelity. The cluster
model, employed in this work, has already shown its success in
predicting the core energy and structure of screw dislocations in
different material classes including ionic materials (MgO),32

zeolites,33 wadsleyite minerals (β-Mg2SiO4)
34 and paracetamol

(OH−-C6H4NHCOCH3), a widely used drug more commonly
known as acetaminophen.32

The objective of the present work is to study screw
dislocations in structurally complex and low symmetry oxides,
which are of both technological and scientific significance. We
focus on five reversible polymorphs of dicalcium silicates
(Ca2SiO3) as model systems. Ca2SiO3 is a key ingredient in
industrial cement clinkers, and the defect characteristics and
integrity of Ca2SiO3 crystal structures are absolutely critical in
clinker grinding processes and crystal growth mechanisms.35

The latter is of particular importance in hydration of dicalcium
silicates to precipitate semicrystalline, nonstoichiometric
calcium−silicate−hydrate (C−S−H) phase, which is the
principal source of strength and durability of all Portland
cement concretes.35,36 Compared to tricalcium silicate
(Ca3SiO5), the more dominant and energy-intensive compo-
nent of the cement clinker, Ca2SiO3 (also known as belite with
shortened notation of C2S in cement chemistry) requires at
least 100 °C lower temperature to produce but with the
expense of more energy consumption for grinding it and slower
reactivity with water, thereby leading to delayed strength
development in cement paste.37 However, given the overall
economical gain due to the lower manufacturing temperature of
Ca2SiO3 and the increased demand to reduce greenhouse
emissions during cement manufacturing (currently cement
manufacturing accounts for overall 5−10% of the worldwide
CO2 emissions), there is a growing interest to modulate
grinding characteristics and reactivity of Ca2SiO3 to make it a
more sustainable cement clinker. In this context, the knowledge
of defects and screw dislocations can provide substantial
information on how to tune and promote the salient properties
of Ca2SiO3.
The crystal structure of dicalcium silicate is composed of

SiO4
4− tetrahedra and Ca2+ ions with a sequence of five

reversible polymorphs, namely α, αH, αL, β, and γ, from high to
low temperatures (Figure 1 and Figure S1, Supporting
Information). We obtained the crystal and atomic structure
of these polymorphs from X-ray experimental analysis.38 These
polymorphs can be transformed from one to another via
changing the crystal symmetry, disorder of SiO4

4− groups, and
slight changes in the position of the Ca2+ atoms.39−42 The α
and β polymorphs have monoclinic crystal structures, while αH,
αL, and γ polymorphs have orthorhombic crystal forms.35

Generally, dislocations in Ca2SiO3 arise from the growth and
cooling processes during cement manufacturing, possibly
affected by the presence of impurities.43 Owing to variations
in the size of the Burgers vector b, different crystal faces will
behave differently during dissolution, etch pit formation, and
hydration, which all depend on the type and density of
dislocations.43 Given the complexity of low-symmetry cement
crystals, only very limited experiments are reported on the
observation of dislocations,44−47 and initiation of etch-pit
formation from dislocations.35,48 In this work, we focus at filling
this gap by providing the first atomic-based understanding of
the dislocation-mediated properties of Ca2SiO3 polymorphs,
thereby offering de novo strategies for science-informed
engineering of cement clinkers. Broadly, this approach will
have important implications for mechanics and crystal growth
processes of several other structurally complex materials such as
microporous silicates and porous materials in general.

2. METHODS
Cluster Embedded Atom Model. We adopted a simulation

strategy developed by Walker et al.31 to combine an atomic scale
model of the dislocation core with a description of the extended crystal
based on continuum linear elasticity. The idea is to take advantage of
the symmetry of Volterra dislocation to build a model using periodic
boundary conditions along the dislocation line while only including a
finite cluster of atoms perpendicular to the dislocation line. A
convention in this study is to lay the screw dislocation line along the z
axis.

A three-stage approach is taken to create the models of the screw
dislocation. First, a charge neutral disk-shaped supercell containing the
defect-free crystal structure is constructed in which the one-

Figure 1. Atomic snapshots of dicalcium silicate polymorphs: (a) α-C2S, (b) αH-C2S, (c) αL-C2S, (d) β-C2S, and (e) γ-C2S.
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dimensional periodicity passes through the central axis of the disk (z
axis). The radius of the simulation cell is 90 Å to accommodate
relaxation around the core, and its height is equal to the length of the
Burgers vector, that is, one lattice constant along the z axis. The typical
number of atoms in each simulation cell of the dicalcium silicate is
around ∼15 000−17 000.
Charge neutrality of the simulation cells is imposed by breaking the

small extra charge (which is the result of cutting a cylinder from the
supercell) to all the atoms (∼15 000), thus leading to less than 1%
change in the partial charge of each individual atoms. We assume this
minimal change would not affect the accuracy of the force field
predictions.
The second stage involves introducing the dislocation based on

anisotropic linear elasticity.49 Figure 2a shows the conceptual model of
introducing a screw dislocation in a homogeneous linear elastic body,
which involved three basic steps: (1) A small part in the center is
removed because elastic theory has a singularity at the original point.
This issue is not a major concern in the real atomic simulation cells
due to the vacancies between the atoms, which could serve as the
origin. (2) A solid line from the edge to the center of the cylinder is
drawn to represent the “cut”. The direction of this cut determines the
x axis used in the mathematical formula of anisotropic elasticity. (3)
Atoms at opposite sides of the cut are vertically displaced by a Burgers
vector to form a screw dislocation. Note that for the cut surface to be
indistinguishable, the crystal structure must be continuous across it,
thus requiring that the Burgers vector must equal to one lattice vector.
In practice, the dislocated structure of the simulation cell in Figure

2a is constructed by the elastic displacement field, which maps the
location of atoms in the bulk cell to the equivalent point in the
dislocated cell. The elastic displacement field is only a function of
Burgers vector, elastic properties of the crystals, and the atomic
positions. For the monoclinic and orthorhombic crystals considered in
this work, the displacement field is entirely parallel to the Burgers
vector, that is, b ̅ = (0,0,bz), and is given by49
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for orthorhombic crystals. In eqs 1a,b and 2a,b, ux, uy, and uz are
atomic displacements due to the elastic theory; x, y, and z are the
Cartesian atomic positions in the bulk cell; and Cij are the components
of the elastic tensor. Note that for monoclinic crystals, eq 1a,b is only
valid when the axis perpendicular to parallelogram plane is parallel to

the Burgers vector (z axis). Thus, all the results of this work related to
the monoclinic α-C2S and β-C2S polymorphs pertain to this situation.

The final step needed to generate a model of the dislocation core is
to allow the atoms to move to find a low energy configuration.
Although the linear elastic displacement field is accurate for the atoms
far away from the core, the energy minimization corrects for the
nonlinear elasticity close to the core, allows the possibility of
inhomogeneous strains, accounts for the atomic scale structure of
the core, and allows the reconstruction if the core causes deformation
of the surrounding crystal.31 All energy minimizations in this work was
performed using conjugate gradient algorithm as implemented in the
GULP code.50 To simulate the presence of the extended crystal, a 40 Å
outer rim of the atoms was held fixed in the configuration predicted by
the linear elasticity (region 2 in Figure 2b). Atoms within the 50 Å of
the center of the cell were allowed to relax (region 1). The fact that the
thickness of the region 2 is larger than the real space of the Coulomb
cutoff radius ensures that the mobile atoms do not interact with the
edge of the atomistic model.

To describe the interatomic interactions of dicalcium silicate
polymorphs, we employed ClayFF force field potential.51 This force
field is based on an ionic−covalent description of metal−oxygen
interactions and has been highly successful in predicting several
structural and mechanical properties of crystalline minerals.52,53 In
ClayFF, metal−oxygen interactions are based on a simple 12−6
Lennard−Jones potential combined with Coulombic interactions. The
empirical parameters and partial atomic charges are obtained from
cluster and periodic density functional theory, quantum chemical
calculations of simple oxide, hydroxide, and oxyhydroxide model
compounds with well-defined structures. Using this force field, the
extraction of the elastic constants and Young moduli from atomistic
simulations is straightforward by calling the property calculation
option in GULP. For instance, elastic constants are obtained by taking
the second derivative of energy density with respect to strains. The
detailed parameters of ClayFF potential in given in Tables S1 and S2
(Supporting Information), and the comparison of its predictions with
experiments for lattice parameters and elastic properties of C2S
polymorphs are given in Tables S3−S5 (Supporting Information).

Calculation of Dislocation Formation Energy and Disloca-
tion Core Radius. Once an energy minimum has been obtained,
various techniques described below are used to explore the structural
and energetic characteristics of the core. In this context, one important
piece of information is a measure of the thermodynamic stability of the
dislocation, or the dislocation formation energy, which is defined as
the work (per unit length) required to introduce a dislocation to a
bulk. The existence of a distortion due to dislocation makes the total
dislocation formation energy a combination of two parts: the energy of
the dislocation core and the elastic energy of the extended crystal
system as a result of the dislocation core. Note that in contrast to the
point or planar defects, there is no unique dislocation formation
energy per unit length of dislocation. The formation energy includes
an elastic part arising from elastic strain distributed across the extended
crystal and thus is a function of the size of the crystal from the

Figure 2. (a) Conceptual model of introducing screw dislocation based on linear elasticity. (b) Typical atomic illustration of the screw dislocation in
dicalcium silicate. The atoms faded in color represent region 2, which is fixed during the energy minimization; (red) O, (blue) Ca, and (yellow) Si
atoms.
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dislocation line. The total formation energy, E, stored within a
cylindrical crystal of radius r is given by49
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where r0 is the size of the dislocation core with energy Ecore, b is the
length of the Burgers vector as before, and X is an energy factor
depending on the symmetry of the elastic constant tensor and equal to
shear modulus in isotropic materials.
There are two unknowns in eq 3, Ecore and r0, which can be

determined by calculating E(r) for various radii. To do so, the cell
derived from the energy minimization is divided into two regions.
Region 1 contains the atoms found inside a certain radius, r, and
region 2 is the rest of atoms outside of the region 1 (conceptually
similar to regions shown in Figure 2b). Then, the energy of the
simulation cell containing the dislocation is partitioned into three
parts: (1) interactions between atoms within region 1, Ed

11, (2)
interactions between atoms in region 2, Ed

22, and (3) interactions
between the two regions, Ed

12 or Ed
21. Equivalently, the energies in the

perfect crystal can be partitioned in the same way as Ep
11, Ep

12 (or Ep
21)

and Ep
22. Then, the dislocation formation energy stored within region 1

is given by20
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where E(r) is calculated for various radii and the resulting data is fitted
to eq 3 to obtain Ecore and r0. Note that due to geometry optimization,
which may lead to radial displacements, the atoms in region 1 in bulk
cell may not be within the same cutoff radius in the dislocated
structure. Tracking atomic movement is critical to ensure that Ed

11

contains an identical number of atoms in both the bulk and dislocated
cells. It is worth noting that for materials with low symmetry, the
parameter X can also be left as an unknown for an overall better fit,
making the total number of unknowns three. Then, after fitting, the
close agreement of the X parameter with the average shear modulus of
the crystals obtained from the Reuss−Voigt−Hill method54 ensures
the accuracy of the method.32

Calculation of Peierls Stresses. Another important quantity
related to the dislocation is the Peierls stress, which is the force needed
to move a dislocation at 0 K within a plane of atoms in the unit cell.
Generally speaking, Peierls stress can be obtained through pure shear
simulation and it is defined as the stress at which point the dislocation
starts to move.55 Here, we applied shear stress to the system via MD
simulations implemented in LAMMPS code at 1 K (LAMMPS code

does not accept 0 K) to obtain the required stress (Peierls stress) that
moves the dislocation. More precisely, for each polymorph, the system
is first relaxed in the microcanonical ensemble (NVE) for 10 ps at 1 K
to ensure the convergence of the energy and volume. Then, various
shear stresses are applied in either side of the slip plane, for example,
(010) plane in Figure 2b, and further MD simulations are carried out
in NVE ensemble for 100 ps. Next, by identifying the onset of yielding
in the shear stress versus shear strain diagram, we identified the
required stress, that is, the Peierls stress, that results in dislocation
movement. For all MD simulations, we used a time step of 1 fs.

■ RESULTS AND DISCUSSION

Figure 3 shows the orientation of the chosen cut within the in-
plane direction of each Ca2SiO3 polymorph. The orientation of
these cuts usually lies along a channel to avoid any Si−O bond
breakage, and the orientation strongly depends on the plane
symmetry. Note that the displacement of two sides of the cut is
exactly one Burgers vector (perfect dislocation). The final
atomic structures of the dislocated crystals were found by
applying the linear elastic theory to the simulation cell with the
preferred cut, followed by energy minimization. As an example,
Figure 4 shows the original structure, approximated elastic
configuration, and the final atomically optimized structure of
[100] screw dislocation in αH-C2S. Generally, the core appears
in a spiral shape, as shown in Figure 4b,c. Note that due to
periodicity along the dislocation line, the dislocated structure is
not clearly visible in Figure 4c. However, the green shaded
band on the right side of Figure 4 denotes the atoms that were
located in the same plane in the perfect crystal before the
dislocation was introduced.

Geometry of the Dislocation Core. Once the dislocated
structure has been established and minimum energy config-
uration is achieved, it is possible to describe the dislocation core
characteristics in several ways. On the shortest scale, the
bonding and atomic structure close to the core are analyzed.
Interestingly, some crystals undergo a dramatic rearrangement
around the core while some retain a similar planar
configuration. As an example, Figure 5 demonstrates the core
structure of the dislocated α-C2S and three dislocated core
structures of αH-C2S in the (100), (010), and (001) planes.

Figure 3. Schematic representation of “cut” orientation in dicalcium silicate polymorphs; (a−c) three orthorhombic crystals where three screw
dislocations are studied; (d and e) monoclinic crystals in which only the dislocation perpendicular to parallelogram plane is investigated.
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This figure provides a comparative view of the atomic positions
in the original and dislocated structures. In the case of [001]
dislocation of α-C2S (Figure 5a), while the structure of
tetrahedra remains complete and independent in both the
original and dislocated cells, the relevant positions and
orientations are changed significantly (albeit, in a rigid-body
type deformation to be discussed later) due to distortion
imposed by the dislocation core. In light of eqs 1a,b and 2a,b,
the linear elastic estimation indicates zero displacement radially.
Therefore, all the in-plane movements shown in Figure 5 are
due to atomic relaxation enforced by nonlinear elasticity around
the core. Two tetrahedra shaded in blue in Figure 5a clearly
show their relevant in-plane movements as well as self-
rotations. However, the average Si−O bond lengths and the
average O−Si−O bond angles almost do not change, which will
be quantitatively discussed later.
The rearrangement resulting from the [100] dislocation core

in αH-C2S (Figure 5b) is not as significant as that in α-C2S.
There is negligible self-rotations, and the groups of tetrahedra
facing each other get only slightly closer. In the case of [010]
core dislocation in αH-C2S (Figure 5c), there are considerable
rotations in the silicon tetrahedra and the magnitude of these
rotations depends on the angles between the chain-like silicon
tetrahedra and the dislocation line. Additionally, the shaded
tetrahedra exhibit small in-plane movements. However, overall,
the alignment of the tetrahedral backbone is preserved. The
original (001) plane in Figure 5d has a more closely packed

structure than the (100) and (010) planes, leading to significant
atomic displacements and rotations upon dislocation.

Differential Displacements and Core Expansions. On a
slightly larger length scale, an efficient way of examining the
structure of the dislocation core is by plotting the differential
displacements of adjacent atoms along the dislocation line.
Arrows are plotted between the neighboring atoms with length
proportional to Δuz. This representation clearly demonstrates
when a screw dislocation spreads onto one or more planes and
allows visualization of such processes. Furthermore, the
expanding directions of the arrows indicate the low Peierls
stress directions where the core is more likely to glide along
those directions.56 This idea comes from studies on body
centered cubic (bcc) metals where the core is suggested to
appear in two forms, a nonplanar core that is immobile under
stress and a planar core that can move on a particular slip plane.
By using the cluster model, a nonplanar core could be captured,
which is not possible via classical Peierls−Nabarro (PN)
model20,24 where the core is a priori chosen to be planar.
Although there are techniques that side-step this limitation of
the PN model,57,58 the cluster model is a relatively simple and
efficient method in this context.
Figure 6 shows the differential displacements of [100], [010],

and [001] dislocations in αH-C2S as an example (the differential
displacements of other polymorphs are given in Figures S2−S4,
Supporting Information). Arrows are plotted between adjacent
Si atoms (yellow dots) in identical original planes. The length
of arrows are scaled to the value of each Burgers vector. Figure
6a−c clearly shows that the dislocation core spreads onto one
or more planes, and the expanding shape is very different in
three mutually perpendicular planes. For [100] dislocation, the
core exhibits a rather isotropic, elliptic spread that stretches
∼28 Å along the [001] direction and ∼22 Å along the [010]
direction. However, the areas of core spreading under the [010]
and [001] dislocations are concentrated on a few layers,
especially the core of the [001] dislocation localized in a narrow
band extending to ∼45 Å along the [100] direction. Note that
to obtain the core expansion, one can also evaluate the
disregistry function and fit the data to arctan function in
classical PN model (Figure S5, Supporting Information);
however, as discussed above, the core expansion will be planar,
as opposed to differential displacement method, which give
information on nonplanar core expansions.

Core Displacement Fields. On the largest length scale, it
is appropriate to consider the movement of atoms during the
geometry optimization. These movements can be split into
parallel and perpendicular to the dislocation line, and arise from
the fact that the linear elasticity is not sufficient to describe the
dislocation core structure. Figure 7 shows the core displace-
ment fields of [100], [010], and [001] dislocations in αH-C2S.
In view of this figure, several important observations are in
order.
First, because Figure 7 illustrates the vertical and radial

displacements of atoms before and after energy relaxation, it
represents a good check-point to test the validity of the
thickness of region 1 (chosen 50 Å), which serves as an active
region to bear the influence of the dislocation. In other words,
the fix boundary conditions in region 2 are valid only when all
the perturbances occur in region 1. From Figure 7, it appears
that both the vertical and radial displacements rapidly decay
when approaching region 2 at r ∼ 50 Å.
Second, Figure 7 reveals that the model crystal is not a linear

elastic continuum in all the three directions. In particular, there

Figure 4. (a) Original structure, (b) dislocated structure via elastic
theory, and (c) atomically relaxed structure of [100] screw dislocation
in αH−C2S.

Figure 5. Comparison of atomic positions and orientations in the
(left) original and (right) dislocated structures of α-C2S and three
orthogonal planes of αH-C2S. These pictures are close-up views from
an identical angle at the final core structures along the dislocation line.
Note that in panels a−c, the z axis is in the plane of the image, whereas
in panel d the image is viewed from the z axis.
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is a significant radial displacements within the 20 Å of the core,
whereas the linear elasticity (eqs 2a,b and 3) suggests zero in-
plane movements. In all three directions, the movements are
dominated by O and Ca atoms (vs Si atoms).
Third, the [001] dislocation leads to the most displaced

structure (Figure 7c). This might be intuitively expected
because of its largest Burgers vector among the three directions;
b = 7.205, 5.872, 9.245 Å for [100], [010], and [001]
directions, respectively. Atoms far away from the core

experience relatively large displacements during energy
minimization. This significant repositioning happens in the
most closely packed plane, the (001) plane, and can be
explained by realizing the differences in the planar core
structures shown in Figure 5b−d. The channel space in the
(010) plane (Figure 5b) and (100) plane (Figure 5c) “take
away” the torsion from dislocation and reduce the interactions
among tetrahedra. Therefore, the energy minimum can be
achieved easily. However, the ordered pattern of atoms in
Figure 5d indicates significant interactions among neighboring
tetrahedra, and these interactions propagate so fast that even
atoms far away from the core are influenced.
Fourth, from Figure 7c it appears that the majority of the

radial displacements are inward, toward the dislocation core
(more points have negative dr). This can be explained as
follows. Consider a circle lying around the dislocation line in
αH-C2S. Upon introduction of screw dislocation via elastic
theory, this circle becomes a helix with the same radius (the
elastic theory only vertically displaces atoms). This helical
shape entails larger separations between atoms located around
the circumference of the helix compared to the separations in
the original crystal structure (the circumference of a helix is
simply larger than that of a circle with the same radius). One
way to reduce this imposed distortion and bring the atoms
closer to the equilibrium positions is to reduce the radius of the
helix compared to that of a circle. This reduction can be
achieved by inward motion of the atoms around the dislocation
line during energy minimization. In fact, the smaller dislocated
volume results in less strain to the rest of the system as well.
Similar pattern of inward motions have been observed for screw
dislocations in MgO, forsterite,32 zeolite A33 and wadsleyite.34

Generally, other polymorphs of dicalcium silicate exhibit similar

Figure 6. Differential displacements of αH-C2S under (a) [100] dislocation, (b) [010] dislocation, and (c) [001] dislocation. Arrows indicate the
displacement in the z direction (not in-plane). (d) Young’s moduli and average core expansions along three orthogonal directions of αH-C2S.

Figure 7. (left) Radial and (right) vertical core displacement fields of
three screw dislocations in αH-C2S due to energy minimization; (a)
[100], (b) [010], and (c) [001].
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trends and observations associated with core displacement
fields (Figures S6−S8, Supporting Information).
Dislocation Core Energy. Figure 8a demonstrates the

dislocation formation energy of αH-C2S as a function of radius.
This energy is, in general, a logarithmic function of distance (r)
from the dislocation line. Clearly [001] direction has a larger
dislocation formation energy than the [100] and [010]
directions. Figure 8b shows the magnitudes of the core
energies and core radii, which are extracted by fitting eq 3 to
the scattered data. For reference, the Burgers vector and the
fitted X parameters are also shown in the plot. For comparison
of dislocation core energies at different crystallographic
directions, core energies must be evaluated to a common
radius (as opposed to direct extraction of core energies
obtained from the fit of eq 3, which correspond to different
core radii).59 Thus, in Figure 8b we have also shown the
dislocation core energies for a common radius of 14.2 Å, which
is the largest radius among the three core radii (Table 1). As
expected, the core energies increase for the cases that their radii
are smaller than the common radius.

Given a common radius of 14.2 Å, the smallest core energy is
0.45 eV/Å under the [100] dislocation. This indicates that a
new screw dislocation is more likely to occur in a [100]
direction. In other words, a [001] screw dislocation is unlikely
due to its large core energy, which entails more bond breakages
and reconstructions in compared to other two directions.
However, this correlation may not necessarily be true among
different polymorphs. The core energies and core radii of all
dicalcium silicate polymorphs are calculated and given in Figure
9. For a common radius of 14.53 Å, while α-C2S has 23 and
37% larger Burgers vector compared to αL-C2S and γ-C2S,

respectively, its core energy is 47 and 57.2% less compared to
αH-C2S and αL-C2S (Table 2), owing to the large channel and
free rigid-body type movements of Si tetrahedra (to be
discussed shortly), which take away the majority of the
distortion imposed by screw dislocation. Therefore, in spite
of the common intuition based on simple crystalline materials
that the larger the Burgers vector, the higher the core energies,
we found that this is not necessarily the case for low symmetry
dicalcium silicate polymorphs due to the complicated atomic
arrangement around the dislocation core. Nevertheless, the

Figure 8. (a) Dislocation formation energy as a function of radius from dislocation line for [100], [010], and [001] dislocations in αH-C2S. The solid
lines denote the fitting result of eq 3 to the scattered points. (b) Comparisons of core energy, core radius, core energy at a common radius of 14.2 Å,
Burgers vector, fitting parameter X and the average shear modulus for [100], [010], and [001] dislocations in αH-C2S. The bars on the shear moduli
indicate the lower and upper bounds from the Reuss−Voigt−Hill method.

Table 1. Core Energies and Core Radii of α-C2S

[100] [010] [001]

core energy (eV) 0.45 0.432 1.033
core energy at a common radius of 14.2 Å
(eV)

0.45 0.4517 1.25

core radius (Å) 14.2 13.71 11.19

Figure 9. Comparisons of core energy, core radius, core energy at a
common radius of 14.53 Å, Burgers vector, fitting parameter X, and
the average shear modulus for all dicalcium silicate polymorphs. The
bars on the shear moduli represent the lower and upper bounds based
on Reuss−Voigt−Hill method. For each orthorhombic crystal (αH-
C2S, αL-C2S,γ-C2S), only the directions associated with the smallest
formation energy are shown, that is, [100] for αH-C2S, [001] for αL-
C2S, and [100] for γ-C2S.
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crystals with larger core energies have generally smaller
dislocation core radii.
Among all dicalcium silicate polymorphs, α-C2S and β-C2S

have the smallest and largest core energies (at a common
radius), respectively, which in part may be due to their internal
crystal atomic structures. More precisely, although Si
tetrahedral and Ca ions move due to dislocation distortion,
the analysis of bond lengths and bond angles on the nearest
neighbor shell of the dislocation core shows that in α-C2S, the
average bond lengths and angles are almost identical before and
after dislocation, suggesting nearly rigid-body type movements
in between the large channel (Figure 10). This justifies the
lowest value of the dislocation core energy in α-C2S (i.e., no
actual bond stretches). However, in β-C2S, Ca ions move rather
significantly before and after dislocation to minimize the
imposed strain of the dislocation, but still, Ca−Si and Ca−O
bond lengths are stretched considerably, resulting in higher
dislocation energy in β-C2S. Similar trends and discussions are
valid for other dicalcium silicate polymorphs (Figures S9,
Supporting Information). For comparison, the energies of the
C2S polymorphs without dislocations are also given in Table S6
(Supporting Information).
It is interesting to note that the fitted value of X parameters

(Figures 8b and 9) match very well with the average shear
modulus calculated from the Reuss−Voigt−Hill approach
(Supporting Information), which is the most common method
for averaging elastic properties of anisotropic crystals.54 This
means that eq 3, a closed form formula derived from complete
radial symmetry, is still applicable to low symmetry crystals in
spite of various anisotropies associated with their elasticity. We
speculate that this wide applicability is due to the existence of
complex, competing mechanisms in low symmetry crystals that
may cancel each other out or are averaged out through the
dislocation process and energy minimization.

Relation Between Dislocation Core Expansions and
Young’s Modulus. To better understand the dislocation core
features, we show the Young’s moduli and the average core size
expansions of αH-C2S in three orthogonal directions in Figure
6d. For example, the 36 Å core expansion along [100] axis is an
average of 27 and 45 Å core expansions along the [010] and
[001] directions, respectively. Similar plots for αL-C2S and γ-
C2S are given in Figures S2d and S3d (Supporting
Information). The comparison of core spreading and Young’s
moduli in Figure 6d and Figures S2d and S3d (Supporting
Information), reveals an interesting observation, that is, the
core of the screw dislocations tends to expand more toward the
directions with higher Young’s moduli. The underlying reason
goes back to the packing of atomic species, which dictates the
strength of atomic bonds and consequently Young’s moduli. In
other words, the directions with higher Young moduli are more
sensitive to defects since the impact of core disturbance can be
transported to further distances through strong connectivity of
atomic species.10

Impacts on Grinding Energy and Crystal Growth. The
knowledge of dislocation mobilities can provide essential
information on the inherent materials features such as
brittleness and ductility, which can influence the fracture and
grinding mechanisms of cement clinkers. Figure 11a−c shows
the shear stress−strain relationships obtained via MD
simulations at 1 K for the three orthorhombic polymorphs.
In each case, for a small external stress, the shear stress−strain
relationship is almost linear. However, as the external stress
increases, it causes the dislocation to move (the onset of
yielding). This is reflected by the intersection of the two linear
lines fitted to the linear and nonlinear parts of the stress−strain
curves, corresponding to the Peierls stresses, which are
associated with different [100], [010], and [001] dislocations
lines (e.g., for [001] dislocation line, the Peierls stress lies in the
(010) plane, as shown in Figure 2b). By definition, larger
Peierls stress reveals a more brittle material, that is, lower
mobility.60 By comparing Figure 11, it turns out that while the
brittleness of αH-C2S and αL-C2S is rather insensitive to the
crystallographic directions, there is a strong dependence of
Peierls stress (and thus brittleness) of γ-C2S on crystallographic
directions. More precisely, it is easier to fracture and grind γ-
C2S when the dislocation line is along [001].

Table 2. Core Energies and Core Radii of Different C2S
Polymorphs

α-C2S αH-C2S αL-C2S β-C2S γ-C2S

core energy (eV) 0.15 0.45 0.275 1.033 0.33
core energy at a
common radius of
14.53 Å (eV)

0.15 0.473 0.2835 1.218 0.351

core radius (Å) 14.53 14.2 14.17 11.9 14.00

Figure 10. (a) Atomic structure of the nearest neighbor shell around the dislocation line in α-C2S and β-C2S. (b) Average bond lengths and angles in
the original and dislocated structure; bars indicate standard deviations.
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Figure 12 and Table 3 show shear stress−strain relations and
the Peierls stresses for all polymorphs of dicalcium silicate.

Note that for orthorhombic polymorphs (αH-C2S, αL-C2S, and
γ-C2S), only the directions with lowest Peierls stress are shown
because those directions will be hot spots in mechanical loading
that yield prior to other directions. Among different
polymorphs in Figure 12, α-C2S has the highest Peierls stress
indicating that the dislocations in α-C2S rarely move. Thus, the
crystal should manifest brittle characteristics. In this context,
αH-C2S ranks second with slightly lower Peierls stress, and
other polymorphs exhibit relatively smaller Peierls stresses.
Indeed, Table 3 could provide important information and
insights for optimizing grinding processes of Ca2SiO3 clinkers
in cement plants. In light of the fact that a brittle crystal is
favored during grinding processes (it breaks rapidly and
requires less energy), we propose cement manufacturers to
focus on more grinding α-C2S (or αH-C2S) polymorphs rather
than other polymorphs. Although α-C2S and αH-C2S are
thermodynamically stable at temperatures higher than room
temperature, cement manufacturers can tune the clinker
cooling processes to find a balance between the savings in
the grinding energy and the (potential) thermal energy
required for stability of these polymorphs to find an overall
optimum solution. To our knowledge, this work is the first
report on estimating brittleness and associated grinding energy
of dicalcium silicate polymorphs based on atomic-level
information. We reiterate that all our observations in this
manuscript are based on screw dislocations alone. Thus, future
studies on edge-dislocation mechanisms, twining deformations
and their interactions with dislocations can potentially provide
more refined data on brittleness and grinding solutions for C2S
polymorphs.
Finally, we turn our attention to the reactive properties of the

core and how the screw dislocation may impact the

Figure 11. Shear stress−strain relationships for orthorhombic (a) αH-C2S, (b) αL-C2S, and (c) γ-C2S along the [100], [010], and [001] screw
dislocations. The intersection of the two fitted linear curves correspond to the Peierls stress (yielding point), which causes the dislocations to move.
(d) Peierls stress values for the polymorphs in panels a−c associated with [100], [010], and [001] dislocation lines.

Figure 12. Shear stress−strain relationships for all dicalcium silicate
polymorphs. For orthorhombic polymorphs (αH-C2S, αL-C2S, and γ-
C2S), only the directions with lowest Peierls stress are shown. The
intersection of the two fitted linear curves correspond to the Peierls
stress (yielding point), which causes the dislocations to move.

Table 3. Peierls Stress for Screw Dislocations in Dicalcium
Silicate Polymorphsa

dicalcium silicate Peierls stress (GPa)

α-C2S 27.14
αH-C2S 24.60
αL-C2S 17.27
β-C2S 13.90
γ-C2S 8.92

aFor orthorhombic polymorphs (αH-C2S, αL-C2S, and γ-C2S), only the
lowest Peierls stresses are shown.
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mechanisms of crystal growth, such as the growth of calcium-
silicate-hydrate (C−S−H) phase, the key hydration product of
Ca2SiO3 that is responsible for mechanical properties of cement
pastes. It is known that the discontinuity caused by screw
dislocations in Ca2SiO3 serves as a basin for water molecules,
and the hydration process might be expedited by increasing
screw dislocation density.43 Screw dislocations with smaller
core energy form easier and multiply faster upon deformation,49

thereby providing more hot spots for dissociation and crystal
growth. In light of Figure 8b and Figure 9, it appears that the
following directions are energetically preferred for crystal
growth due to their relatively low dislocation core energies:
[010] direction in αH-C2S, [001] direction in αL-C2S, and [100]
direction in γ-C2S (although the latter polymorph does not
widely exist in real clinker due to required stabilization by guest
ions). More importantly, our findings suggest that α-C2S and β-
C2S have respectively the highest and lowest reactivity among
all Ca2SiO3 polymorphs. These finding match extremely well
with experimental evidence reporting identical rankings for
reactivity of Ca2SiO3 polymorphs when mixing with water.61

Besides the dislocation core energy, atomistic simulations have
shown that the steps and topology of the core also influence the
crystal growth and energetics of the major adsorbate sites,
which are typically around the core geometry in screw
dislocations terminated at a surface.62 Thus, when searching
for reaction accelerators (inhibitors), it will be useful to identify
those adsorbates that bind and dissociate (block) the
dislocation core sites.

■ CONCLUSION
We studied the atomic-scale characteristics of screw dislocation
in five polymorphs of dicalcium silicate as a class of complex
low symmetry oxides. Unlike the common intuition base on
simple crystalline materials that the larger the Burgers vector,
the higher the core energies, we found that this is not
necessarily the case for low symmetry dicalcium silicate
polymorphs. Instead, we found that α-C2S has the lowest
core formation energy and thus the most favorable dislocation
in dicalcium silicates, mainly due to the large channels and
nearly rigid body type movements of atoms, which take away
majority of the distortion imposed by screw dislocation.
Equally important, by estimating the Peierls stresses by shear

simulations of the system, we identified the following order in
terms of relative brittleness (base on screw dislocation only),
which is most favorable for grinding dicalcium silicates: α-C2S >
αH-C2S > αL-C2S > β-C2S > γ-C2S. The knowledge of the latter
can significantly influence micro cracking, brittleness, and
fracture, and can help devise strategies to reduce the energy
associated with grinding dicalcium silicate (cement) clinkers.
Finally, we found that while α-C2S is the most reactive

polymorph in dislocation-mediated crystal growth, β-C2S is the
least reactive polymorph due to its highest screw core
formation energy among dicalcium silicates. Generally, our
analysis suggest the following order for reactivity: α-C2S > αL-
C2S > γ-C2S > αH-C2S > β-C2S. This information, combined
with the predicted grinding efficiencies, can provide valuable
insights and guiding hypotheses for experimentalists to tune the
cement grinding mechanisms and reactivity processes for an
overall optimum solution with regard to both energy
consumption and performance. This is the most significant
result of this paper and can provide crucial insight for intelligent
synthesis, isolation, and tuning of ideal polymorphs in
structurally complex systems with thermodynamically reversible

polymorphs. To the best of our knowledge, this work is the first
report of atomistic-scale analysis of dislocations in structurally
complex dicalcium silicates, and can potentially open up several
new opportunities for further studies, such as edge dislocation-
mediated mechanisms, brittle-to-ductile transitions, and twin-
ning deformations and their interactions with dislocations, to
provide a comprehensive understanding of deformation
mechanisms in cement clinkers. Broadly, the methods and
strategies of this work can impact several other oxides and low-
symmetry crystals such as jennite36 and calcio-silicate layered
materials,63−65 as well as recently developed realistic and
combinatorial models of calcium−silicate−hydrates66−68 and
microporous materials in general.69,70
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